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I. CRACK TIP MICROMECHANICS AND FATIGUE LIFETIME PREDICTION

Fatigue cracks grow through a structure because of applied cyclic loads;
these loads are the driving force for crack growth, and the crack extends as the
response of the material to those loads. Research on this contract in previous
years concentrated on deriving an understanding of the crack extension process;
therefore, the events attending crack growth were carefully observed under
high resolution, dynamic conditions and extensively analyzed. This work
revealed that fatigue cracks extend by the same mechanism independent of
whether they are small (5 < length < 1000 igm) or large, and independent of the
type of cyclic loading to which they are subjected (e.g., constant or variable
amplitude), although the details of how the crack extends, and the effects of
microstructure, are still too unclear to allow prediction of fatigue crack
growth rates.

These observations of similarity in crack growth mechanisms indicated
that a shift in the thrust of the research was warranted. Thus, during the last
three years, the time covered by this report, the research program has
concentrated on determining the magnitude of the local driving force for
fatigue crack growth.

Local driving force is the translation of the externally applied
(macroscopic) loading to the crack tip (microscopic) region, and as such must
include crack closure. Numerous mechanisms have been postulated for crack
closure, those considered most applicable to metallic alloys being closure
induced by fracture surface oxides and roughness, and plasticity ahead of and
behind the crack tip. Despite research during the 20 years since closure was
discovered by Elber, quantitative theoretical models for these various
mechanisms have not been developed. The exception to this is the work of
Newman [1] on plasticity induced closure, and there are differences between
what that model predicts and experimental findings [2]. Thus, our work has
taken two thrusts: (1) further work on crack closure mechanisms -
concentrating specifically on plasticity induced crack closure - and (2)
determination of the crack driving force from measured micromechanics
parameters, which also indirectly include the effects of closure.

Local driving forces for small and large fatigue cracks subjected to
constant amplitude loading were determined for several aluminum alloys and
one titanium aluminide alloy. Complex load spectra were simplified by
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considering only isolated, single overloads and an over/underload combitiation.
Crack tip opening displacements and strains were measured using the
stereoimaging technique for each of these loading conditions and alloys, and
the driving force was determined by computation of an equivalent stress
intensity factor AKq through use of the cyclic J integral AJ using the relation

[31

AKeq2 = EAJ = E(1)

where E = Young's modulus, Aa = stress range at the crack tip, and Sc = crack tip

opening displacement. The crack tip stress range was computed by converting
crack tip strains (determined with stereoimaging) to stress using the cyclic

stress-strain relation. Crack tip opening displacement c was determined from

measurements of crack opening displacment as a function of distance behind
the crack tip.

Local measurements of fatigue crack closure were made by directly
observing the way fatigue cracks open as a function of applied load. These
observations were made by using a cyclic loading stage for the scanning
electron microscope and determining the point to which the crack had opened as
a function of load by stereoimaging. Measurements made using these tools [3,4]
have shown that there is a systematic change in effective cyclic stress
intensity factor AKeff = Kmax - Kopen when the data are plotted as shown in Fig.

1. Data in the figure are shown for R = 0.1, so it is not important whether the
absissa is 1/AK or 1/Kmax, but for large R, all the data fell along the same line

when plotted vs 1/Kmax [4]. Mode II opening loads were determined in addition

to Mode I opening loads. As the figure indicates, Mode II opening often occurred
at a lower load than for Mode I, resulting in a larger value of AKeff. The value

of this unexpected result increased with decreasing AK, so that there is a AKeff

from Mode II opening at levels of AK below which no Mode I opening occurs. If
the value of AK for which AKeff = 0 in Mode I opening is defined as the threshold

cyclic stress intensity factor AKth, this value (= 5.9 MPa4m) is larger than that

determined from crack growth rate tests (. 2 MPa 1m), but AKeff = 0 in Mode II

at about the same value as was determined from crack growth rate tests.
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1.0
7091 Large Crack Closure
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Fig. 1 Fatigue crack closure for the powder metallurgy aluminum alloy 7091, as
determined from local measurements of opening load [2]. Note that AKeff for

Mode Il is larger than that for Mode I.

Measurements of Mode I and Mode II crack opening displacements [5]
behind fatigue cracks as a function of AK agree, in general terms, with the
shift toward an increased proportion of Mode II opening with decreasing AK.
The results shown in Fig. 1 indicate that the driving force for fatigue cracks at
R = 0 may be written as

AKeff =AK - AKh (2)

The expression at R > 0 is the same, but with an adjusted value of AKth [4].

An explanation for this shift between the dominance of Mode I at large AK
and Mode II at low AK has been sought for some time, and recently, a reason has
been suggested [6]. The smooth yield surface of a polycrystalline metal
deformed biaxially develops a corner on it when the number of deforming grains
is decreased. This corner decreases the resistance of the material to shear
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strains. This behavior is relevant to the fatigue threshold because at that AK,
the plastic zone is reduced to one or a few grains, depending on grain size,
which decreases the resistance of these grains to shear, thereby allowing
shear at the crack tip to become a prominent feature. This shear mode of
deformation ahead of the crack tip leads to a large cOmponent of Mode II in the
crack opening displacement.

Another way of examining this concept is to compare local determination
of driving force, AKeq, as determined using eq. (1), to AK. For the 7091
aluminum alloy [6], this is shown in Fig. 2.

12-
7091 Aluminum Alloy

10 AKeq =AK -1.97

0. E= 8

0

<4

2

0
0 2 4 6 8 10 12

AK, MPa4m

Fig. 2 Comparison of locally determined AKeq with applied AK, indicating the validity
of eq. (2) for describing the crack driving force [7].

Results similar to those shown in Figs. 1 and 2 were obtained also for
large fatigue cacks in 7075-T651 aluminum alloy [7], so it appears that eq. (2)
has general validity. However, difficulty has been encountered in applying
these concepts to the titanium alloys Ti-6AI-4V and CORONA-5. Reasons for
this difficulty are not known, but these titanium alloys have significantly
different slip characteristics than aluminum alloys. Therefore, the breadth of
validity of these concepts must be further explored for other material systems.
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Small cracks in 7075 aluminum alloy and in the nickel-based superalloy
Astroloy have also been carefully examined. Local crack closure measurements
were made and AKeq was determined from crack tip parameters, just as for

large cracks. The results, however, were completely different. This is
illustrated in Fig. 3 for 7075-T651, which compares the closure
characteristics of small and large fatigue cracks. The closure level, Kopen , for
small cracks increases in proportion to Kmax , unlike large cracks.

1.0
7075 Crack Closure

U Lg ck-vacuum
0.8 13 Lg ck-air

A Sm Ck-Air

< 0.4 - A

0.2-8

a *b

0.0 .
0.0 0.1 0.2 0.3 0.4

1/Kmax, (1/MPaqm)

Fig. 3 Comparison of locally measured crack closure data for small and large fatigue
cracks in 7075 aluminum alloy.

Also, as for large cracks, crack tip micromechanics parameters were used
to determine AKeq using eq. (1), and these measurements were compared to the

applied AK. The results of this comparison are shown in Fig. 4, where it may be
seen that there is, in fact, a substantial difference.
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0 2 4 6 8 10 12
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Fig. 4 Comparison between local driving force, AKeq, and applied AK for small and large

fatigue cracks in 7075. Large cracks follow the functional form given by eq. (2)
but for small cracks a different relationship is needed.

Another term must be added to the description of driving force for small
cracks to account for change in slope. Thus, eq. (2) becomes

AKeq = AKi + AK -AKc  (3)

Since AKc = MAK, as shown in Fig. 3, then eq. (3) may be rewritten as

AKeq = AKI + OAK (4)

where 13 = 1-a is the slope of the line in Fig. 4. The term AK, is thought to arise

from additional crack tip plasticity which comes from the high level of
cross-sectional stress in which these small cracks were growing (80% of
yield). Also, this term might account for the differences in constraint
experienced between a large crack at low cross-sectional stress and a small
crack at high cross-sectional stress. These differences in constraint and
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stress level cause the strain distributions between small and large cracks to
be different [8], and this allows an estimate of AK, to be made on the basis of

the large crack AKth, as is more fully explained in [7].

If these concepts of local driving force for small and large fatigue cracks
are correct, then it should be possible to correlate crack growth rates on the
basis of AKeff using eq. (2) or eq. (4). Growth rates for small and large fatigue

cracks in 7075 aluminum alloy, the superalloy Astroloy, and the Super Alpha 2
titanium aluminide alloy have been successfully correlated using crack tip
micomechanics measurement and the concepts discussed above. Results for
7075 have been published in the open literature [7], but results for Astroloy and
Super Alpha 2 are still to be found only in reports. Fig. 5 shows data for Super
Alpha 2, together with the functions used to compute AKeff.

10- s5
Super Alpha2 * #1

> 10-6 *6 #2
E 07, = #4

S-7 #5

M #6
10- 8 0 SEN-SEM

10A CT-CCFM

A- 10
0

.~10.10

10-11 
A

AKeff(sc),0.3AK+2 AKeff(Ic)-AK-3

1012

1 00 101 102

AKeff, MPa/m

Fig. 5 Correlation between crack growth rates and effective AK for small and large fatigue
cracks in a titanium aluminide alloy. The large crack data are from single edge
notched (SEN) and compact tension (CT) specimens.

For this titanium aluminide alloy, the correlation between small and large
crack growth rates is very good. It should be noted that the value of AKiin
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Fig. 6. Crack growth rates for large and small fatigue cracks in coarse grained Astroloy at
250C showing (upper figure) the effect of correcting the driving force using eq. (4),

which includes AK i, compared to using only closure to determine AKeff (lower figure).
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eq.(4) was determined from the large crack threshold AKth using the

computational method given in [7].

For Astroloy, there is more uncertainty in the correlation because of
differences found in large crack growth data [9]. These results are shown in
Fig. 6. The most probable magnitude of AKth = 3.5 MPa /m, as determined from a

survey of available large crack data [9], so the correlation between small and
large cracks on the basis given in eq.(4) appears to be applicable for this
material also. Note how much better correlation is obtained by including both
terms in the description of small crack driving force, Fig. 6(a), rather than
using closure alone, Fig. 6(b). Similar results were also found for small cracks
grown in coarse and fine grained Astroloy at 600°C and for Waspaloy at 6000C

[9].

Since fatigue cracks under variable amplitude loading appear to be
growing by the same mechanism as they are under constant amplitude loading,
then it may be hypothesized that the reason crack growth rates cannot be
predicted from constant amplitude loading must arise from an inability to
determine the local crack driving force under variable amplitude loading. To
examine this conjecture, the same methods used for determining local driving
force for small and large cracks under constant amplitude loading were used
for crack growth under variable amplitude loading. The variable amplitude
loading sequences used to test this hypothesis were overloads of two different
magnitudes at R - 0, and an overload/underload combination for R = 0.5. The
results of correlating crack growth rates before and after the overloads and
over/underload combination with AKeff (=AKeq) are shown in Fig. 7.

As the figure indicates, the correlation between crack growth rates under
constant amplitude and variable amplitude is much better if the local driving
force is used than if only crack closure is used, just as was shown for the
correlation between small and large cracks in Astroloy, Fig. 6. Thus, it is
apparent that the hypothesis has been verified, and that the problem with
determining crack growth rates under variable amplitude loading condtions is
that of describing the transfer function between externally applied load and the
local crack driving force.
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10 
6

7091 P/M aluminum alloy

0 OLR*-2.15
* OLR*-2.85

E AOL/UL
10- 7  • const amp.

cc a OLR*-2.15 a
* OLR*.2.85 A

o 10°8

10 "-9.. . .,.. . .

10 0 1  1 0°  10 1

AKeff (o) and AKeq (.,Ma /m

Fig. 7 Correlation between crack growth rates measured during variable amplitude loading

and local driving force, as determined from closure only (A eff -"open symbols),

and also from crack tip micromechanics (AKeq - closed symbols) [10]. OLR* gives

the magnitude of the overload. The solid line is for constant amplitude loading.

Accomplishments:

1. Measurements of crack closure immediately at the crack tip have shown that
there is a systematic variation of the local crack driving force, AKeff , over a

wide range of AK for constant amplitude loading. T11he Mode I and Mode 11 levels
of crack closure appear to be consistent with measurements of mode mix in
crack opening displacements. For large cracks, local driving force can be
determined from the relation AKeff = AK - AKth.

2. The hypothesis that differences in the correlation between crack growth
rates and AK for small and large cracks are caused by differences in local crack
driving force was tested for aluminum alloys and was verified. Determination
of local driving forces for small cracks showed that an additional term was
required to describe the relation between local and applied AK values, but when

Uo= ilmlm llllllfif 1'. .
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this term was included, crack growth rates for both small and large cracks
correlated on the basis of the local driving force.

3. The crack growth rates for large and small cracks in 7075 aluminum alloy,
Super Alpha 2 titanium aluminide alloy, and the superalloy Astroloy were
correlated by using systematic adjustments in crack driving force.

4. Crack growth rates under variable amplitude loading were found to correlate
with constant amplitude loading when local driving forces were measured using
crack tip micromechanics.

5. The results of this research, coupled with previous findings, indicate that
differences in crack growth rate correlations with AK, when cracks are of
different sizes, or under variable amplitude loading, are due not to differences
in the mechanisms of crack advance, but to inaccuracies in determining the
transfer function between computed AK and the local crack driving force, AKeff.
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IL MICROSTRUCTURE/PROPERTY RELATIONSHIPS IN ADVANCED
STRUCTURAL ALLOYS

A. Research Objectives

1. Develop a fundamental understanding of the fracture mechanisms in dispersoid
strengthened AI-Fe-X alloys

2. Identify origins of brittle fracture and low fracture toughness

3. Establish microstructure/fracture toughness relationships

4. Identify means for enhancing the fracture toughness of AI-Fe-X alloys

B. Summary of Research Efforts

Both experimental and theoretical studies were conducted to achieve the program

objectives. The experimental efforts involved characterization of microstructure, tensile and
fracture properties, crack tip behavior, and fracture mechanisms in dispersion-strengthened

aluminum alloys intended for elevated temperature applications up to 316"C. The exper-

imental efforts were augmented by theoretical analyses to establish criteria for brittle-to-

ductile fracture transition, origins of brittle fracture and low toughness, thin sheet toughening

by crack divider delamination, and the role of interface decohesion in the fracture behavior

of Al-Fe-X alloys.

Five Al-Fe-X alloys including Al-8Fe-7Ce, Al-8Fe-2Mo-IV, Al-10.5Fe-2.5V, Al-

8Fe-I.4V-I.7Si, and Al-5Cr-2Zr were selected for study. All five alloys were obtained in

the form of extruded rectangular bars. The producer, extrusion ratio, and the form of

particulates used to make the alloys were reported in [1], together with the size, volume

fraction, and type of intermetallic dispersoids in individual alloys [1-3]. Summary of the

yield stress, ultimate tensile strength, strain hardening exponent, true fracture strain, fracture

toughness (K1c), and tearing modulus, TR, of the five A1-Fe-X alloys in the LT orientation at

25" and 316"C is presented in Table I. Fracture properties for the TL orientation are presented

in [1]. A wide range of K1c and TR values is observed in these alloys. This range of fracture

behavior will be discussed based on the following considerations: (1) fracture mechanisms,

(2) origins of brittle fracture and low toughness, (3) effects of delamination on fracture

toughness, (4) microstructure/fracture toughness relationships, and (5) toughness enhance-

ment.
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1. Fracture Mechanisms in AI-Fe-X Alloys

The fracture mechanisms in the Al-Fe-X alloys at 25 and 316"C were studied by
examining fractured tensile and Kc specimens using optical and scanning electron micros-

copies, as well as by Auger spectroscopy when necessary. The fracture processes which
occurred ahead of a growing crack in individual AI-Fe-X alloys were identified by arresting

the crack in the Jtc specimens, sectioning the unfractured specimens, and examining the crack
tip region using either optical or scanning electron microscopy.

Studies of tensile and Kc specimens revealed that fracture in AI-8Fe-7Ce was initiated

at small dispersoids located near Zone A particles. The crack path was generally near Zone
A particles, though not necessarily along the matrix/Zone A particle interfaces. The Al-
Fe-Mo-V alloy contained a small amount of large, extraneous Al-Fe intermetallic particles

which initiated fracture in tensile specimens. Fracture of cracked specimens, however, was

controlled by void nucleation at small dispersoids. The Al-Fe-V alloy failed by a combination

of void nucleation at small dispersoids, delamination along prior powder particle boundaries

(PPBs), and powder pull-outs. All three alloys showed identical fracture behavior in both

the LT and TL orientations at ambient temperatures.

The fracture mechanisms in the Al-Cr-Zr alloy at 25"C, the Al-Fe-Mo-V alloy at 316"C,
and the Al-Fe-V-Si alloy at both temperatures were found to be more complex. Two possible

fracture mechanisms were identified in the LT-oriented specimens of these three alloys. The
first one involved void nucleation at dispersoids ahead of the crack tip by a localized shear

process. This fracture process is illustrated in Figure 1 for the Al-Cr-Zr alloy tested at 250C.
Figures 1(a) and (b) show a crack which propagated along a localized shear band emitted

from the crack tip. The shear band contains a number of voids which coalesced and joined
with the main crack by localized shear fracture of the ligaments between the voids. Thus,

fracture occurred in a manner similar to the classical void sheet mechanism [4], with void
nucleation and coalescence taking place by the localized shear process suggested by Clayton

and Knott [5]. The failure process ahead of the crack tip was predominantly void nucleation

at dispersoids [Figure 1 (c)]. Voids were observed at a 45" angle to, and directly ahead, of
the crack tip; once nucleated, they quickly coalesced and joined with the main crack.
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Figure 1. Void nucleation at dispersoids by a localized shear process in the Al-Cr-Zr alloy:
(a) and (b) localized shear bands with voids ahead of the crack tip, (c) decohesion of
dispersoids ahead of the crack tip, and (d) small dimples observed on the fracture
surfaces.
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Consequently, the number of cavities observed was few, and they were relatively difficult to

detect. The cavities were generally small, consistent with the small and shallow dimples

observed on the fracture surface [Figure 1(d)].

The second fracture process observed was delamination along prior powder-particle

boundaries (PPBs). In the LT orientation, most of the extruded prior powder-particle

boundaries were aligned parallel to the loading axis. Delamination of PPBs normal to the

transverse direction resulted in the formation of microcracks ahead of the main crack On
the other hand, fracture along PPBs normal to the thickness direction resulted in crack divider
delamination and thin sheet ligaments in the process zone. The mechanisms for these two
delamination processes were found to be essentially identical to those observed in the
propagation of a transverse crack along a prior powder-particle boundary. As illustrated in
Figure 2, transverse crack growth involves void nucleation by separation ofPPBs (presumably

at oxide fragments), coalescence of the voids to form microcracks, and their subsequent
linkage with the main crack. The essential difference among the three types of PPB dela-
mination which are summarized in Figure 3 (a)-(c), is in the orientation of the PPB with
respect to the main crack. In all three cases, delamination occurred at regions of high normal
stresses, suggesting that void nucleation at oxide fragments along PPBs was controlled by a
normal stress oess. In contrast, void nucleation at dispersoids was controlled by a loalized
s, which is illustrated in Figure 3(d). Since high normal stresses are readily
available ahead of a crack tip, void nucleation at oxide fragments is relatively easy compared
to void nucleation at dispersoids.

2. Origins of Brittle Fracture and Low Fracture Toughness

Origins of low fracture toughness in Al-Fe-X alloys were examined from both micro-
structural and micromechanical considerations. Microstructurally, the sources of low fracture
toughness in Al-Fe-X alloys were identified to be relatively easy void nucleation at oxide
fragments along PPBs, and also at dispersoids with incoherent interfaces. Void nucleation

at oxide fragments was relatively easy because it appeared to be controlled by a normal tensile
stress process, which could be readily attained ahead of a crack tip and occurred with littlc

plastic deformation. On the other hand, a localized shear process was needed in order to

induce void nucleation at dispersoids by slip impingement. This process required plastic
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work, and therefore led to a higher fracture toughness when a substantial amount of plastic

work was expended prior to shear localization. The fracture toughness of Al-Fe-V-Si, Al-
Cr-Zr, and Al-Fe-Mo-V alloys in the TL orientation is lower than those in the LT orientation;
this is because of the differences in the void nucleation processes. In contrast, variation in

fracture toughness among alloys tested in the LT orientation was due to differences in the

void nucleation strain, which appeared to depend on the coherency of the mautix/dispersoid
interface. Unlike conventional aluminum alloys, void growth does not appear to be important

in the Al-Fe-X alloys because the voids, once nucleated, quickly coalesce either to link with
the main crack, or to form microcracks which subsequently join with the main crack. The

highest void nucleation strain was observed in the Al-Fe-V-Si alloy, which contained small,
spherical cubic silicides whose interfaces are coherent with the matrix. Dispersoids in the

Al-Fe-V, Al-Fe-Ce, and AI-Fe-Mo-V alloys are generally larger, noncubic, and incoherent

with the matrix. The nucleation strains for these alloys were found to be lower. Figure 4

shows that the K~c values of AI-Fe-X alloys at 25"C increase with increasing void nucleation

strain.

AI-Fe-X alloys were found to exhibit a brittle-to-ductile fracture transition, despite the

fact that fracture occurred by a microvoid process. This is in contrast to classical brittle-to-

ductile fracture phenomena, which usually involve a change of fracture mechanism from

cleavage to ductile void growth. Since a change in fracture mechanism does not occur,

brittle-to-ductile fracture in Al-Fe-X alloys is best described in terms of the tearing modulus,
TR, which is a normalized parameter representing the tearing resistance of a material. The

brittle-to-ductile fracture transition observed in Al-Fe-X alloys was analyzed by considering
the critical condition which would lead to crack instability after an incremental extension [6].

The analysis indicated that the experimental tearing modulus is the consequence of the

competition between the intrinsic tearing resistance and the tearing term induced by crack
extension, both of which were expressed in terms of the normalized parameter, 0 = Ee1/ao,

where E is the elastic modulus, e,( is the true fracture strain, and a, is the flow stress. The
analysis led to a general expression for predicting the tearing modulus of a structural material

based on the elastic modulus, true fracture strain, and flow stress. Comparison of the predicted
tearing modulus with results of Al-Fe-X alloys from this program and those of conventional

Al-alloys [7], and Al-Li alloys [8,9] from the literature, is shown in Figure 5. A more extensive

comparison of the model with experimental data for steels, Ni-, Al-, and Ti-alloys is presented

in Ref. 6.
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The crack growth analysis revealed that Q2 must exceed 34.5 in order for TR > 0, i.e.,

for ductile fracture to occur. Moreover, since 0 depends on elf, an intrinsic fracture strain

must be exceeded in order to attain stable crack growth and ductile fracture. The theoretical

prediction was verified by comparing the predicted brittle-to-ductile fracture transition

boundary with experimental data for a number of structural materials including A1-Fe-X

alloys. It also was verified by crack tip strain measurements obtained using the stereoimaging

technique [10,11]. These results revealed the dominance of the -RR field (1/r" singularity)

for a stationary crack, the dominance of the logarithmic singularity for a growing crack, and

that a critical fracture strain must be exceeded in order to cause sufficient nonproportional

loading within the process zone to cause the transition of the HRR singularity to the loga-

rithmic singularity. Thus, brittle fracture in some of the Al-Fe-X alloys can be attributed to

an insufficient intrinsic ductility altering the 1/r singularity of a stationary crack to the less

singular growing crack (logarithmic) singularity. This, from micromechanical considerations,

is the origin of brittle fracture in Al-Fe-X alloys. The lack of intrinsic ductility in some of

the AI-Fe-X alloys originates from microstructural factors, i.e., coherency of disper-

soid/matrix interface, and void nucleation at oxide fragments and dispersoids, as discussed

earlier.

3. Effects of Delamination on Fracture Toughness

Delamination along PPBs resulted in the formation of thin sheet ligaments in the fracture

process zone in some of the Al-Fe-X alloys studied, including the Al-Fe-V-Si and Al-Cr-Zr

alloys. The thin sheet ligaments were arranged in a crack divider configuration with internal

free surfaces between individual ligaments. As a result, triaxial stresses within the process

zone were relaxed, and the critical fracture strain and toughness were increased because of

reduction of mean stresses with the process zone. This type of toughness enhancement, which

has also been observed in Al-Li alloys at cryogenic temperatures [12,13], has been referred

to as "thin sheet toughening" [3] or "crack divider delamination toughening" [131.

The premise of the thin sheet toughening mechanism is that the fracture toughness of

a thick component or a plane strain specimen should be controlled by the fracture properties

of individual ligaments after it has delaminated. Therefore, the Kc value of an alloy which

exhibits thin sheet toughening is expected to be independent of specimen thickness. In contrast,
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an alloy which does not exhibit crack divider delamination and thin sheet toughening is

expected to show an increase in Kc with a reduction of specimen thickness. The notion that

thin sheet toughening was present in Al-8Fe-I.4V-1.7Si was tested by measuring Kc as a

function of specimen thickness [1]. The Kc of Al-Fe-V-Si was found to be independent of

thickness, while that for Al-8Fe-2Mo-lV, which did not exhibit crack divider delamination,

increased with decreasing thickness. The result confirmed that the fracture toughness of thick

specimens of the Al-Fe-V-Si alloy was controlled by individual thin sheet ligaments, as

postulated in the thin sheet toughening mechanism.

Delamination of PPBs located directly ahead of the crack tip resulted in microcracks

which were aligned parallel to the extrusion direction. The microcracks were generally

antishielding since they increased the local K of the main crack. The microcracks propagated

in an unstable manner once the local K values at their tips exceeded the Kc value for the

TL-orientation, because of a zero value for the tearing modulus for that direction. This type

of delamination led to fracture anisotropy and an unusual fracture behavior in some of the

Al-Fe-X alloys, as discussed in detail in Ref. 1.

4. Microstructure/Fracture Toughness Relationships

The prevailing view as to the critical process which controls fracture toughness in most

engineering alloys, including conventional aluminum ones, is void growth ahead of the crack

tip. This view has been established on the basis of extensive experimental observations which

indicate that void nucleation is relatively easy (at- 5% plastic strain for conventional Al-alloys

[ 14]) in most engineering alloys. The most oft-referenced relation between fracture toughness

and microstructure (particle spacing and size) is that of Rice and Johnson [15], which is a

void growth model that relates the critical CTOD at crack initiation to the particle spacing.

Comparison of the Rice and Johnson void growth model with experimental data of Al-Fe-X

and conventional Al-alloys [14] is shown in Figure 6. The important point in this figure is

that the void growth model is adequate in predicting the critical CTOD in terms of the particle

spacing for conventional Al-alloys, for which the void nucleation strain is small, but sub-

stantial discrepancies between model and experiment were observed for the Al-Fe-X alloys,

for which the void nucleation strain is larger. This is not a surprising result, since the

controlling fracture mechanism in Al-Fe-X alloys is, as indicated earlier, void nucleation, a
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process which was not considered in the Rice and Johnson model. For the Al-Fe-X alloys
studied, the ratios of dispersoid spacing to dispersoid diameter are essentially equivalent, but

the critical CTOD varies greatly because of differences in the void nucleation strain. The
implications of the results in Figure 6 are: (1) increasing the void nucleation strain is a viable
means for increasing fracture toughness; (2) the void nucleation process must be considered

in modeling fracture toughness of A1-Fe-X alloys; (3) fracture toughness is not related solely

to the ratio of particle spacing to particle size.

An alternative means to establishing microstructure/property relationship is to relate
fracture toughness (Kjc) to tensile properties. Such a relation must include void nucleation,

as it is an important part of the fracture process in Al-Fe-X alloys. A fundamental relation

does not exist currently. However, a semi-empirical relation was developed to describe the

Kc value for A1-Fe-X alloys under plane strain fracture and for fracture with thin sheet
toughening effects [3]. In this model, Kc is proportional to nqE-ore, where n is the strain

hardening exponent, E is Young's modulus, a, is the yield stress, and etf is the true local

fracture strain including contributions from void nucleation, growth, and coalescence. The
model is based on the assumption that fracture occurs when the effective strain, e, within the

process zone reaches a critical value, Z*, which decreases with increasing triaxial stresses.

Empiricism in the model arises because knowledge of the size of the process zone is required;

this cannot be predicted at the present time, but must be inferred from experimental data.
Figure 7 shows correlation of the model and plane strain fracture toughness data for AI-Fe-X

alloys.

The model was used to estimate the maximum effects of thin sheet toughening on

fracture toughness enhancement. Since delamination in Al-Fe-X alloys results in thin sheet
ligaments free from normal stresses, crack extension across these ligaments occurs under the
plane stress condition, as opposed to the plane strain condition which would prevail had

delamination not occurred. The relaxation of triaxail stresses in the crack tip process zone
would lead to an increase in the value of fracture strain from e/'-3 for plane strain to elf for

plane stress. This would lead to an estimated maximum toughness enhancement of F3'for
complete delamination within the process zone, as shown in Figure 8. In most cases, specimens
which have exhibited crack divider delamination have shown fracture toughness enhancement
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approaching the F maximum limit. The wide range of fracture toughness values observed

in the Al-Fe-V-Si alloys was a reflection of differences in the extent of internal delamination

and thin sheet toughening present in individual specimens.

5. Discussion on Toughness Enhancement

Based on the results of the last three years, it can be concluded that high fracture

toughness in AI-Fe-X alloys can be achieved as follows: (1) elimination of large, extraneous

particles, such as Al-Fe intermetallics and stringer inclusions from the microstructure; (2)

reduction of dispersoid size to less than 0.01 pm diameter to increase the void nucleation

strain; (3) strengthening of the matrix with coherent dispersoids; (4) manipulation of the

microstructure to induce thin sheet toughening. This can be achieved by controlling prior

powder particle or splat boundary strength through thermomechanical processing techniques;

the latter will redistribute the broken oxide fragments to some preferred and beneficial

orientation (thickness direction) to maximize thin sheet toughening in the LT orientation, but

at the expense of transverse strength and fracture properties. Figure 8 compares the

J-resistance curves of the Al-Fe-V-Si alloy with two conventional Al-alloys. The Al-Fe-V-Si

exhibits a higher crack growth resistance in the LT orientation, but a lower one in the TL,
when compared to that exhibited by conventional Al-alloys. The transverse fracture properties

of state-of-the-art Al-Fe-X alloys are controlled by oxide fragments at PPBs. A possible

area for improvement would be to increase both the crack initiation and propagation toughness

of Al-Fe-X alloys in the transverse direction. One means to achieve this would be to increase
the degassing temperature to reduce the amount of oxide fragments present in the micro-
structure although this also might lead to dispersoid coarsening. Thus, an optimization process
may be required to obtain the desired combination of longitudinal and transverse mechanical
(strength and fracture) properties.

C. Accomplishments

1. The relevant fracture mechanisms in state-of the-art Al-Fe-X alloys were identified.
They included void nucleation at dispersoids and at oxide fragments located along prior

powder particle boundaries.
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2. High toughness in state-of-the-art A-Fe-X alloys was shown to originate from small

dispersoids with coherent interfaces, hence high resistance to void nucleation, and from

thin sheet toughening resulting from crack divider delamination in the process zone.

3. Void nucleation at dispersoids was shown to occur by a localized shear process in some

of the Al-Fe-X alloys, while void nucleation at oxide fragments was shown to occur by

a normal stress process.

4. The origin of the brittle-to-ductile fracture transition was identified and related to the

tearing modulus. A fundamental relation was developed for predicting the tearing

modulus in terms of tensile properties. A general scheme for predicting brittle fracture

was also developed.

5. A toughening mechanism, dubbed thin sheet toughening, was proposed for explaining

the beneficial effects of crack divider delamination on fracture toughness. The proposed

toughening mechanism was confirmed by critical experiments.

6. The near-tip strain and displacement fields were determined for stationary and growing

cracks in Al-Fe-X alloys. The results confirmed the dominance of the HHR singularity

at a stationary crack tip and the dominance of the logarithmic singularity for a growing

crack. The critical condition required for the transition of the HRR singularity to the

logarithmic singularity when a stationary crack extends was identified.

7. Fracture toughness values of Al-Fe-X alloys were related to the microstructure. Potential

means for improving the fracture toughness of Al-Fe-X alloys were suggested.
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